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Thermal stability of Ti-V-Cr burn-resistant alloys
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Ti-35V-15Cr, Ti-25V-15Cr and Ti-25V-15Cr-0.4Si alloys were exposed to different
temperatures in air (450–600◦C) for aging times between 0 and 200 h and subsequently
tensile tested at room temperature with the surface oxide retained or removed. The
influence of an applied tensile stress (50–200 MPa) during thermal exposure was also
investigated. The results showed that post-exposure tensile properties deteriorated with
the increase in exposure temperature and time. The decrease in tensile properties resulted
from the combination of surface oxidation and microstructural changes. The main change
of the microstructure during thermal exposure is the heterogeneous precipitation of α

phase on beta grain boundaries. Both increased vanadium content in the alloy and the
addition of silicon have shown an adverse effect on alloys’ thermal stability.
C© 2004 Kluwer Academic Publishers

1. Introduction
In order to resolve the problem of “titanium fire”
which may occur in aeroengines under operating condi-
tions, and meet the requirement for high-performance
aerospace materials, “burn resistant” titanium alloys
have been studied during the recent years. Several com-
positions of Ti-V-Cr burn-resistant alloys have been
developed in different countries: Ti-35V-15Cr (wt%),
designated as Alloy C, was developed by Pratt and
Whitney in USA [1]; Ti-25V-15Cr-xAl (wt%) was de-
veloped by IRC in UK [2] and Ti-25V-15Cr-xSi (wt%)
by NIN in China [3]. There have been some publica-
tions on their processability [4], burn-resistant mecha-
nisms [5–8], oxidation behavior [9] and microstructure-
properties relationships [10].

Ti-35V-15Cr and Ti-25V-15Cr, whose equivalent
molybdenum contents are 47 and 42 respectively [11],
are fully β stabilized titanium alloys. β-Ti alloys are at-
tractive in terms of their ability to achieve high strength
and they are cold formable in most cases. However,
they have been found only limited applications in air-
frame components and in corrosive environments. The
thermal stability of burn-resistant alloys is an essential
property since they are new-type β titanium alloys de-
signed to be used under high temperature service con-
ditions. Comprehensive research work on thermal sta-
bility has been done on α, near-α, and α + β type high
temperature titanium alloys, but few investigations have
been performed on β titanium alloys. This paper deals
with the ability of Ti-25V-15Cr, Ti-35V-15Cr and Ti-
25V-15Cr-0.4Si alloys to maintain a stable microstruc-
ture and a high level of mechanical properties after ex-
posure to different combinations of time, temperature
and tensile stress. The aims are to provide some indepth
knowledge of their mechanical behavior and to evaluate
the potential application temperatures of these alloys.

2. Experimental procedure
The materials used were alloy bars of Ti-35V-15Cr
(alloy A) and Ti-25V-15Cr (alloy B) 11.5 mm in di-
ameter and a pancake of Ti-25V-15Cr-0.4Si (alloy C)
20 mm in thickness. They were manufactured by the
Northwest Institute for Nonferrous Metal Research.
Their chemical compositions are listed in Table I. After
heat treatment, one part of the materials was machined
into 5 mm diameter standard tensile specimens with a
gauge length of 25 mm. The specimens were machined
by turning and then mechanically polished to produce
a surface roughness of Ra = 0.1. The tensile specimens
were divided into three groups: the ones of the first
group were exposed in air at 450, 500, 540 and 600◦C
for 100 h, the specimens of the second group were ex-
posed at 540◦C for 50 and 200 h and the specimens of
the third group were exposed in air at 540◦C for 100 h
with an applied tensile stress of 50, 100 and 200 MPa re-
spectively. During the aforementioned exposures, sur-
face oxide formed on the specimens depending on the
temperature and time. The other part of the materials
was exposed at 600◦C for 100 h and 540◦C for 200 h
and then machined into 5 mm diameter tensile speci-
mens in order to remove the oxide layer formed during
thermal exposures. Finally, the ambient tensile prop-
erties of all the specimens were determined compar-
ing the ones with oxide retained and those with oxide
removed. Tensile tests were carried out on an Instron
testing machine at a speed of 10−3 s−1. Three tests
at least were performed for each condition. A Philips
S-2700 SEM was employed for imaging and a DX-4
spectrometer was used for EDX analysis. TEM speci-
mens were prepared by twin jet polishing using a solu-
tion consisting of 95% methanol and 5% HClO4. TEM
was carried out on a JEM-200CX transmission electron
microscope.
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T ABL E I Chemical composition of the three alloys (wt%)

Alloy V Cr Si O H

A 34.0 13.4 <0.04 0.07 0.001
B 22.9 15.1 <0.04 0.12 0.005
C 24.5 13.6 0.35 0.07 0.001

T ABL E I I Room temperature tensile properties of the three alloys
after thermal exposure at different temperatures

UTS Y.S. El R.A.
Alloys Exposure conditions (MPa) (MPa) (%) (%)

A unexposed 1018 972 7.9 12
450◦C/100 h (1) 983 973 0.8 0.8
500◦C/100 h (1) 963 930 0.8 0.8
540◦C/100 h (1) 945 940 0.4 0.4
600◦C/100 h (1) 816 – – – (3)
600◦C/100 h (2) 1015 966 2.8 5.9

B unexposed 944 922 18 38
450◦C/100 h (1) 936 895 5.0 6.5
500◦C/100 h (1) 947 910 2.0 4.5
540◦C/100 h (1) 938 925 1.5 4.3
600◦C/100 h (1) 888 – – – (3)
600◦C/100 h (2) 974 939 19 45

C unexposed 959 933 14 19
600◦C/100 h (1) – – – – (4)

Note. (1) surface oxide retained; (2) surface oxide removed; (3) El and
R.A. could not be accurately measured after post failure due to the peeling
of the thick surface oxide; (4) failed into three pieces.

3. Results and discussions
3.1. Tensile test results
After being exposed under different conditions, ambi-
ent tensile properties of all specimens were determined
and results are listed in Tables II–IV. The reported val-
ues represent the average of three valid tests. A test is
considered as valid when the failure occurs within the
gauge length. It was noted a good reproducibility of
yield strength and ultimate tensile strength. The scat-
ter of the elongation to rupture and the reduction in
area is around 20%. It can be seen that after thermal
exposure, the three alloys exhibit a small reduction in
strength and an obvious drop in ductility, especially
alloys A and C. The strength and ductility of the three
alloys decrease gradually with increased exposure tem-
perature. Comparing the results of alloys A and B with
surface oxide retained or removed when they were ex-

T ABL E I I I Room temperature tensile properties of alloys A and B
after thermal exposure at 540◦C for different times

UTS Y.S. El R.A.
Alloys Exposure conditions (MPa) (MPa) (%) (%)

A unexposed 1018 972 7.9 12
540◦C/50 h (1) 956 950 0.8 0.8
540◦C/100 h (1) 945 940 0.4 0.4
540◦C/200 h (1) 917 – 0.4 0.9
540◦C/200 h (2) 983 947 1.6 3.8

B unexposed 944 922 18 38
540◦C/50 h (1) 944 924 6.2 8.0
540◦C/100 h (1) 938 925 1.5 4.3
540◦C/200 h (1) 927 918 1.0 3.9
540◦C/200 h (2) 947 910 3.0 7.4

Note. (1) surface oxide retained; (2) surface oxide removed.

TABLE IV Room temperature tensile properties of alloys A and B
after thermal exposure at 540◦C for 100 h under different applied stresses

UTS Y.S. El R.A.
Alloys Exposure conditions (MPa) (MPa) (%) (%)

A 540◦C/100 h (1) 945 940 0.4 0.4
540◦C/50 MPa/100 h (1) 930 904 1.4 2.6
540◦C/100 MPa/100 h (1) 933 908 1.2 4.3
540◦C/200 MPa/100 h (1) 938 903 1.2 3.2

B 540◦C/100 h (1) 938 925 1.5 4.3
540◦C/50 MPa/100 h (1) 866 860 – – (2)
540◦C/100 MPa/100 h (1) 893 867 3.4 6.7
540◦C/200 MPa/100 h (1) 906 877 2.0 12

Note. (1) surface oxide retained; (2) failed into three pieces.

posed at 600◦C for 100 h (Table II), it has been found
that surface oxidation at 600◦C is partly responsible
for the strength degradation of alloy A whereas the
decrease in properties of alloy B after being exposed
under similar conditions arise completely from surface
oxidation.

Figure 1 Mass gains of alloys A and B exposed to air at different tem-
peratures for 100 h [13].

Figure 2 SEM fractographic examination close to surface: (a) alloy A
exposed at 600◦C for 100 h and (b) alloy B exposed at 540◦C for 200 h.
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Figure 3 TEM examinations of alloys A and B: (a) grain boundary α phase on unexposed alloy B, (b) ED pattern and identification of α precipitates
on grain boundary in alloy B, (c) parallel α laths growing from grain boundary when alloy B exposed at 450◦C for 100 h and (d) discontinuous grain
boundary α phase in alloy A exposed at 600◦C for 100 h.

When the exposure time at 540◦C was prolonged
(Table III), post-exposure properties of alloys A and B
decreased greatly. The comparison of results of alloys
A and B exposed at 540◦C for 200 h with surface oxide
retained or removed, reveals that surface oxide con-
tributes to the reduction of alloys properties. Consider-
ing tensile properties after exposure, it can be seen that
alloy B displays a better thermal stability than alloy A.

With regard to the effect of an applied tensile stress
(Table IV), it was shown that a variation in the range
50–200 MPa has not a significant influence on post-
exposure properties of alloys A and B.

3.2. Effect of surface oxidation
on thermal stability

Oxidation at temperatures higher than 500◦C is one of
the main factors that cause the deterioration of titanium
alloys. Since the thermally grown oxide is more brittle
than the substrate, it is always the origin of cracking.
When a titanium alloy is oxidized in air at high temper-
ature, not only does a surface oxidation layer form but
also an oxygen diffusion layer develops between the
oxide and the alloy substrate. The depth of the crack
formed is at least equal to the thickness of oxide and
oxygen diffusion layer [12]. The thickness of oxide and
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oxygen diffusion layer depends on the exposure tem-
perature and time and the chemical composition of the
alloy substrate.

When exposed at different temperatures from 450 to
600◦C for 100 h, alloys A and B experienced different
degrees of oxidation on their surfaces (Fig. 1). When
exposed at a temperature lower than 550◦C, alloys A
and B exhibit little mass gain, indicating that their me-
chanical properties may not be significantly affected by
oxidation. However, oxidation rates increased quickly
as the temperature increased above 550◦C. At 600◦C,
a thick oxide was observed spalling off the surface af-
ter tensile testing. That oxide layer is responsible for
a severe loss of the ductility (Table II). Fractographic
analysis reveals that brittle intergranular failure tends
to occur in alloys A and B (Fig. 2).

The surface factor Rs is a parameter that is being used
to estimate quantitatively the influence of a surface ox-
ide on the mechanical properties of an alloy [14]. It is
defined as follows: Rs = (��−��0)/��, where ��

is the variation of reduction in area (R.A.) after thermal
exposure with surface oxide and ��0 is the variation of
R.A. after thermal exposure without surface oxide. In
the case of an exposure at 540◦C for 200 h, it has been
calculated that Rs values are 26 and 10% for alloys A
and B respectively. This indicates that surface oxidation
contributes a small part to the alloys properties deteri-
oration, while the larger part comes from changes in
their microstructures during thermal exposure. The Rs
parameter reveals that surface oxidation has a greater
effect on thermal stability in alloy A than in alloy B. As
alloy A possesses a higher V content than alloy B, it is
worth noting that the present results are consistent with
the deleterious influence of V on the oxidation behavior
of titanium alloys.

3.3. Microstructural evolution during
thermal exposure

3.3.1. Influence of temperature
It can be observed from the TEM examinations (Fig. 3)
that a small amount of discontinuous precipitates exist
on the grains boundaries of unexposed alloys A and
B (Fig. 3a), while there are few precipitates within the
grains. The precipitates were identified to be α phase by
electron diffraction (Fig. 3b). When the two alloys were
exposed at 450◦C for 100 h, the number of α precip-
itates increased and were distributed heterogeneously.
There was also a strong tendency for the α phase to pre-
cipitate on β grain boundaries. The α precipitates were
mostly plate-shaped and some parallel α laths grew
from grain boundaries (Fig. 3c). With increased tem-
perature (450 to 540◦C), α precipitates nucleated and
grew within grains, while those on grain boundaries
became gradually continuous and the parallel α laths
growing from grain boundaries coarsened. After expo-
sure at 600◦C for 100 h, there was a very small amount
of α precipitates in alloys A and B, mainly distributed
discontinuously on grain boundaries (Fig. 3d). The dis-
solution of α phase, especially the grain boundary α

phase, would provide great benefit to the ductility of
the alloys.

Figure 4 SEM fractographic examinations of alloys A and B exposed at
different temperatures: (a) alloy B exposed at 450◦C, (b) alloy B exposed
at 600◦C and (c) alloy A exposed at 600◦C.

SEM observations (Fig. 4) on fracture surfaces of
specimens shows that all thermally exposed specimens
fail by brittle intergranular fracture, except for alloy B
exposed at 600◦C which fails by ductile intergranular
fracture. These observations reveal that grain boundary
α phase weakens the boundaries and so induces inter-
granular fracture. Almost all the fracture surfaces of
alloy A are smoother than those of alloy B. EDX anal-
ysis shows that intergranular facets of alloys A and B
are depleted in chromium to 10% and 11 wt% respec-
tively. This is consistent with the lower concentrations
of beta alloying elements, such as chromium, which are
contained in α phase.

From TEM examinations, it seems that there is a
stronger tendency in alloy A than in alloy B for α pre-
cipitates to agglomerate on grain boundaries. In order to
demonstrate it, polished and then etched cross-sections
of the specimens were observed under SEM (Fig. 5).
It is shown that there are always lower amounts of α

precipitates in alloy A than alloy B, appearing as small
white dots in Fig. 5a and b. These observations are in
agreement with the phase diagrams of titanium alloys
since there are more β stabilizing elements in alloy A
than in alloy B. We also could see that grain boundaries
of alloys A and B exposed under the same conditions
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Figure 5 SEM examinations of polished cross-sections: (a) α precipitates within grains in alloy B exposed at 540◦C for 100 h, (b) very few α

precipitates within grains in alloy A exposed at 540◦C for 100 h, (c) morphology of alloy B exposed at 600◦C for 100 h at low magnification,
(d) microstructure of alloy A exposed at 600◦C for 100 h at low magnification, (e) grain boundary of alloy B exposed at 600◦C for 100 h at high
magnification and (f) grain boundary of alloy A exposed at 600◦C for 100 h at high magnification.

have a quite different morphology. For example, con-
sidering specimens exposed at 600◦C, and observed at
a low magnification (Fig. 5c–d), we find that all speci-
mens of alloy A had more delineated and straight grain
boundaries than those of alloy B. Then at a higher mag-
nification (Fig. 5e–f), continuous α layers are present
on grain boundaries of alloy A whereas only sparse α

precipitates appear on grain boundaries of alloy B. It
can also be observed that the grain boundary α phase
is heavily marked. This can be explained by the lower
chromium content in that phase inducing a more severe
chemical etching. Therefore, it is suggested that there
is a greater tendency for α phase to precipitate on grain
boundaries in alloy A than in alloy B, especially after
thermal exposure, which contributes strongly to the de-
crease in ductility exhibited on alloy A as compared
with alloy B.

With regard to alloy C before exposure, a very small
quantity of α phase and a small amount of Ti5Si3 par-
ticles (Fig. 6a) exist, which precipitate on grain bound-

aries and thereby lead to the intergranular fracture of the
alloy. When the alloy was exposed at 600◦C, α phase is
still rarely observed by TEM, but a very large amount
of Ti5Si3 precipitates are found to be inhomogeneous
both in size and distribution, some of them growing in
the form of large platelets (Fig. 6b). At the same time,
Ti5Si3 precipitates on grain boundaries become much
denser and bigger. Besides, EDX analysis shows that
intergranular fracture facets are poor in Cr (13 wt%) and
rich in Si (3 wt%), which suggests the grain boundaries
to be Cr-lean and Si-rich.

3.3.2. Influence of time
We can see from TEM observations (Fig. 7) that when
alloys A and B were exposed at 540◦C, the amount of α

precipitates increases gradually and α precipitates dis-
tribute heterogeneously with different sizes and shapes
with increasing exposure time. Most of the grain bound-
aries become wider and the α precipitates gather on
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Figure 6 TEM examinations of Ti5Si3 precipitates in alloy C: (a) unex-
posed and (b) exposed at 600◦C for 100 h.

Figure 7 TEM examinations of alloy A exposed at 540◦C for different times: (a) 50 h, (b) 200 h and (c) ED pattern and indexation.

grain boundaries, grow and join gradually. At the same
time, parallel α laths grow from some grain boundaries
and become coarser. From SEM observations on pol-
ished and etched cross-sections of specimens exposed
at 540◦C for different times, it was found that α pre-
cipitates in alloy B are always more dense than those
in alloy A, but there is a stronger propensity for α pre-
cipitates in alloy A to gather on grain boundaries.

When α phase in β titanium alloys is fine and homo-
geneously dispersed, it has a strengthening effect on
the β matrix. In contrast, continuous grain boundary α

phase is particularly detrimental to strength, ductility
and fracture toughness [16]. SEM observations on the
fracture surfaces of the specimens show that all speci-
mens of alloys A and B exposed at 540◦C for different
times fail by intergranular fracture, which is related to
the corresponding low ductility and strength of the grain
boundary α phase in the two alloys.

3.3.3. Influence of a tensile stress
SEM and TEM observations (Fig. 8) show that when
alloys A and B were exposed at 540◦C for 100 h with an
applied tensile stress of 50 MPa, stacks of α precipitates
distribute heterogeneously in grains with different sizes
and shapes such as long acicular, lath and near-oval. It
can be seen that dislocations twin around the α phase.
In addition, there are a lot of α precipitates on β grain
boundaries. When the two alloys were exposed under
a 200 MPa tensile stress, the grains contain dense dis-
locations piles-up that wind around the α precipitates.
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Figure 8 TEM examinations of alloy A exposed under different stresses:
(a) 50 MPa and (b) 200 MPa.

Although no obvious change in the amount of α pre-
cipitates could easily be observed when the alloys were
exposed under different stresses, the size and distri-
bution of α precipitates appear to become much more
uniform. Regardless of the exposure stress, α precip-
itates in alloy B are always more dense than those in
alloy A.

According to our SEM and TEM examinations, no
evidence exists for a stress-assisted precipitation of the
α phase. Also, it has been shown that there is no ad-
verse affect of an applied tensile stress during thermal
exposure at 540◦C on tensile properties of alloys A and
B (Table IV).

3.4. General comments
It can be seen from Ti-Cr binary phase diagram [17]
that even a very low Cr content (>0.5 wt%) can lead
to the precipitation of TiCr2 phase below the eutectoid
temperature (667◦C), such as in the case of Ti-5Al-2Cr
alloy. Cr exhibits continuous solid solubility with V
element which is also a β-isomorphous element, and
it has been shown that the addition of V element into
Ti-Cr alloys can shrink the TiCr2 phase field and retard
the precipitation of TiCr2 [15]. For instance, when the
V content in Ti-V-Cr alloy reaches 8 wt%, more than
4 wt% Cr content must be added into the alloy to form
the TiCr2 phase at 500◦C. This is consistent with our
observation of the absence of TiCr2 phase in Ti-25V-
15Cr and Ti-35V-15Cr alloys under present experimen-
tal conditions. It is also reasonable that ω phase does
not appear in the two alloys since they possess a high
content of β stabilizing elements and the heat treatment

temperatures considered were well above the ω solvus
temperature [18].

There is an obvious difference between α + β and
β-Ti alloys in α-phase nucleation and growth. In α +β

alloys, the α-phase is either formed by a Widmanstatten
type transformation, or by the tempering of martensite.
The former often leads to a colony microstructure,
which develops rarely in a β-Ti alloy. Moreover, α-
phase nucleation tends to be substantially more slug-
gish in β-Ti alloys. Although this has distinct advan-
tages with regard to hardenability, it makes it difficult to
achieve a uniform α-phase distribution. It is therefore
very important to identify and control the mode of α-
phase nucleation sites for α-phase precipitation in β-Ti
alloys. There are five basic types of nucleation sites for
α phase precipitation in β-Ti alloys: ω-phase particles,
α′′ plates, α plates, dislocations and grain boundaries
[16]. In the present study, the main nucleation sites for α

phase that have been observed during thermal exposure
of alloys A and B are grain boundaries. Then, α phase
grows either along the grain boundaries or as parallel
laths within the grains.

4. Conclusions
1. Under present experimental conditions, post-

exposure mechanical properties of alloys A and B de-
teriorate with the increased temperature and time. An
analysis of tensile tests results reveals that surface ox-
idation contributes to a small part to the degradation
of properties of the two alloys whereas the main part
arises from the evolution of their microstructures dur-
ing thermal exposure. It has been found that alloy B
exhibits a better thermal stability than alloy A.

2. The main change in the microstructure during
thermal exposure of alloys A and B is the heteroge-
neous precipitation of α phase on beta grain boundaries.
Also, parallel α laths grow from some grain boundaries
within the grains. There are more α phase precipitates
in alloy B than in alloy A owing to the lower content of
beta stabilizing elements in alloy B.

3. Precipitation of grain boundary α phase is found
to be the main cause for intergranular fracture and ten-
sile properties degradation. The precipitation of α phase
on grain boundaries decreases with the increase in the
thermal exposure temperature and a concomitant im-
provement of the ductility has been observed.

4. The addition of Si to alloy B induces the heteroge-
neous precipitation of Ti5Si3 during thermal exposure.
This has a deleterious effect on tensile properties.
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